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a b s t r a c t
For improved performance of the components in a fusion reactor, an increased application temperature
for structural materials such as 9%Cr reduced activation steels is crucial. The improvement of the current
generation of 9%Cr steels (i.e. EUROFER) is one of the aims of the current EUROfusion programme for
advanced steels. The goal of this work is to determine the most effective thermo-mechanical treatment
of reduced activation ferritic martensitic steels with respect to high-temperature strength. Compatibility
of these treatments with industrial production processes is essential.
In the present study, two different batches of EUROFER-2 were prepared with a thermo-mechanical
treatment. The materials were solution annealed at 1250 °C and then slowly cooled to the rolling tem-
perature, which was varied between 600 and 900 °C. Hot-rolling was performed in the austenite regime
with a subsequent rapid cooling to form the ferritic-martensitic structure. The characterization of the
materials was done in as-rolled state and after a subsequent tempering at 750 °C.
The materials characterization was performed by tensile and Charpy impact tests using miniaturized
specimens. The microstructure was characterized by scanning electron microscopy (SEM) backscatter im-
ages and electron backscatter diffraction (EBSD) maps. All the results were compared to those of conven-
tionally processed EUROFER-2 alloys.
The ﬁrst results show a gain in tensile strength of approximately 50 MPa at temperatures above
600 °C compared to conventionally treated EUROFER alloys. Microstructural investigations reveal a ﬁne
and homogeneous distribution of the martensitic laths, while the prior austenite grains are about one
order of magnitude larger. This can be explained by the exceptionally high austenitization temperature
compared to the as-received state.
© 2016 The Authors. Published by Elsevier Ltd.
This is an open access article under the CC BY-NC-ND license
(http://creativecommons.org/licenses/by-nc-nd/4.0/).
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Reduced activation ferritic martensitic (RAFM) 9%Cr steels have
been the subject of research within the fusion community for
years. For increased performance of the components in a fusion
reactor, an increase of the application temperature for structural
materials such as 9%Cr reduced activation steels is crucial. The im-
provement of the current generation of RAFM 9%Cr steels (i.e. EU-
ROFER) is within the scope of the current EUROfusion programme
for advanced steels.
These steels are members of a class of Fe-based alloys with
varying and carefully balanced amounts of alloying elements such
as Cr, W, Ta, and V [1]. They show an improved void swelling
even under high irradiation doses [2]. The amount of carbon and∗ Corresponding author. Tel.: +49 72160823476.
E-mail address: j.hoffmann@kit.edu (J. Hoffmann).
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2352-1791/© 2016 The Authors. Published by Elsevier Ltd. This is an open access article uitrogen needs to be adjusted with caution in order to form
trengthening secondary phases. The distribution and nature of the
arbides and nitrides which form after heat treatments have been
ell studied [3,4]. However, a possible improvement of the alloys
ould be achieved by adjusting the chemical composition and dis-
ribution of these secondary phases inside the material. In par-
icular, the amount and size of M23C6-type carbides need to be
ontrolled. Coarsening and agglomeration of this phase can have
detrimental effect on the impact properties [5].
The distribution of the secondary phases depends on the num-
er of available heterogeneous nucleation sites within the mate-
ial during precipitation. A large number of these sites will lead to
ﬁner distribution. The approach of this work follows a scheme
roposed by Klueh et al. where dislocations are used as precipi-
ation sites [6]. However, the dislocations need to be created be-
ore precipitation occurs. Therefore the materials are mechanically
eformed (rolled) and in an undercooled (metastable) austenite
egime. A subsequent quenching in air is followed by a tempering.nder the CC BY-NC-ND license (http://creativecommons.org/licenses/by-nc-nd/4.0/).
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DExperiments concerning TMT on conventional Grade 91 steel
e.g. P91) have been performed in the recent years [7]. Early stud-
es on low alloy and carbon steels date back to the 1960s where
n additional hardening of the martensitic structure was shown
fter ausforming [8]. The main difference to EUROFER and other
AFM steels are the precipitate-forming elements like Niobium and
olybdenum which are left out of steels for fusion applications.
hile conventional industrial production of EUROFER consists of
olling at high temperatures in a stable austenite range, the addi-
ional dislocations created by the lower rolling temperatures may
reate a different distribution of the secondary phases inside RAFM
UROFER steels.
The TMT of EUROFER may raise the high temperature opera-
ion limit of the steel. The rolling in the austenite regime may re-
ne the microstructure and provide a nano-scale distribution of
he secondary phase precipitates [6]. TMT-9Cr steels could form
strengthened microstructure similar to ODS alloys which up to
ay need to be produced by the costly mechanical alloying process
6,9,10]. Although the strengthening effect will be less compared to
DS particles, the possibility of higher creep strength and fatigue
ehavior are still worth the effort of TMT [8].
The goal of this work is to determine the most effective
hermo-mechanical treatment of RAFM steels with respect to high-
emperature strength. Compatibility of these treatments with in-
ustrial production processes is essential. High-temperature tensile
trength and creep strength are especially important for future ap-
lications in a DEMO fusion reactor [11]. All results are compared
o those of a conventionally treated EUROFER97/2 plate. The results
f this study give direct input regarding the new experimental al-
oys proposed within EUROfusion.
aterials and methods
Plates of two different EUROFER97-2 batches with a thickness
f 25 mm were processed at OCAS, Gent. The chemical compo-
itions of the alloys are given in Table 1. Only minor differences
etween the two batches exist.
The thermo-mechanical treatment consisted of a solution and
ustenitization treatment at 1250 °C in air followed by cooling
n a second furnace. The temperature of the second furnace was
et to the desired rolling temperature (namely 600, 700, 800, and
00 °C). To ensure temperature control during the whole treat-
ent, a dummy plate of the same material was equipped with
hermocouples and processed in the same way as the other ma-
erials. The temperature was kept constant during the rolling, with
eheating if necessary. Prior to any testing and/or microstructural
haracterization, all materials were annealed at 750 °C for two
ours. As-received state refers to EUROFER97/2 materials after
reatment at 960 °C for 1.5 h with quenching in oil followed by
h at 750 °C with air cooling.
Mechanical tests were performed on miniaturized cylindri-
al tensile specimens with a gauge length of 7.6 mm × 2 mm
aken out in the rolling direction [12]. The tensile tests were
erformed between RT and 700 °C under vacuum with a strain
ate of 1.6 ∗ 10−6 ms−1. KLST-type specimens with a size of
× 4 × 27 mm³ were used for the Charpy impact tests. The ori-
ntation was LS type with a 1-mm notch. All specimens were cutTable 1.
Chemical composition of EUROFER97-2, all values given in wt%.
Batch W Cr V N Ta C Fe
EUROFER97-2 Batch 993402 1.06 8.9 0.18 0.04 0.15 0.1 Balanced
EUROFER97-2 Batch 993391 1.08 8.83 0.2 0.02 0.12 0.1 Balanced
F
(sing electro-discharge machining (EDM). A tanh ﬁt was applied to
he data to determine the DBTT [13].
Microstructural characterizations were mainly done using trans-
ission electron microscopy (TEM, Jeol JEM 3000F) on thin foils in
rder to determine the effect of the treatments to the chemical
ompositions of the secondary phases and on the martensite mi-
rostructure (packet size, lath size, dislocation density). The precip-
tate microstructure (nature of precipitates, size distribution) was
easured mainly on extraction replicas (including energy ﬁltered
EM, EDX). Bright ﬁeld and STEM mode with a medium-angle dark
eld detector (LAADF) were used for imaging.
Electron backscatter diffraction (EBSD) maps were measured on
Zeiss Merlin ﬁeld emission gun scanning electron microscope
SEM) equipped with an EDAX Hikari high-speed camera operating
t 20 kV. The measured data were further processed by OIM Anal-
sis Software v7.2. A step size of 300 μm was used. All data points
ith a conﬁdence index below 0.1 were discarded. Apart from a
onﬁdence Index Standardization, no cleanup algorithms were per-
ormed on the maps.
Thermodynamical calculations were performed using JMatPro-
5 with the general steel database. All possible phases were con-
idered in the model. M inside the secondary phases refers to
ither Tantalum, Vanadium, Chromium and Iron or mixtures of
hese elements. The correct compositions were determined by TEM
eplica.
esults
The tensile tests of the materials showed only minor variations
etween the different materials (Fig. 1). While the material treated
t 900 °C shows lower strength at room temperature, in the range
f the operation window (550–700 °C) within the error range, no
ifferences can be observed. The thermo-mechanical treatment
TMT) brought a general increase in strength to the materials. The
ield strength is approximately 50 MPa higher than the as-received
ondition throughout the whole tested temperature range.
The alloys performed worse compared to the as-received con-
ition in the Charpy-impact tests. A shift of the ductile-to-brittle
ransition temperature (DBTT) to temperatures approximately
0 °C higher can be seen (Fig. 2). The as-received condition shows
DBTT of –90 °C. Inhomogeneities and the large prior austenite
rain (PAG) sizes in the TMT materials caused a large scatter in
he values of the impact energies. Therefore the curves do not
how an abrupt drop in energy. Tanh ﬁtting gives values for the
BBT of −37.7 °C (TMT@800 °C, standard deviation = 7.11 °C) andig. 1. Results of the tensile testing after TMT and in as-received condition
993391).
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Fig. 2. Results of the Charpy impact tests and DBTT shift after TMT and in as-
received condition (993391), fractographic images of specimens (TMT@700 °C) after
tests at RT (upper shelf), −40 °C (transition area) and −100 °C (lower shelf).
Fig. 3. Creep curves of the alloys before and after TMT at 700 °C.
Fig. 4. Larson-Miller Plot of the creep experiments (up to 1% strain).
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t−48.43 °C (TMT@600 °C, standard deviation = 6.54 °C). The DBTT
range for the TMT materials (including those where ﬁtting was
not possible) was determined to be between –60 and –30 °C.
First tests show that the creep strength of the steels is greatly
enhanced. Fig. 3 shows creep curves for the material processed at
700 °C compared to EUROFER97/2 in the as-received condition. The
graph shows only a momentary state of the tests since the ex-
periments are still running. Elongations of the TMT alloys are or-
ders of magnitude lower than in the as-received state under the
same creep conditions. Since none of the specimens have failed so
far, creep-to-rupture times are expected to be greatly prolonged.
A Larson-Miller-Plot calculated from the available data up to 1%
strain is shown in Fig. 4. Compared to the as-received materials a
prolonged lifetime of additional 20,000 h at the same temperature
and stress can be extrapolated from the data.Table 2.
Chemical composition of secondary phases measured on
600 °C 700 °C
M23C6 M23C6
MX rich in V (Ta, Cr, W, Fe) MX rich in Ta (V, C
MX rich in Ta (Ta, V, Cr, W, Fe) MX rich in V (Ta, C
MX rich in V (Ta, CThe microstructural investigations showed large and elongated
rimary boundaries (PAGs). Neither of the materials exhibited a
ull martensitic structure. Despite the annealing at 750 °C for 2 h,
e still observe a high density of dislocations. On TEM images
ot shown here, the different materials show some evidence that
he dislocation density drops slightly with increasing rolling tem-
erature. This is expected from the additional cold work at lower
MT temperatures. The secondary phases such as MX (X = C,N),
2X, and M23C6 carbides and nitrides were not homogeneously
istributed. The population of these phases is high in some areas
n the martensite lath boundaries and inside the laths. However
arts where the density of precipitates is signiﬁcantly lower were
lso found. This
With increasing rolling temperature, the martensite laths and
econdary phases were reﬁned. After rolling at 900 °C we saw
larger amount of ﬁne precipitates (10–20 nm diameter) inside
he sub-grains. We also saw a reduction of the particle agglomera-
ion with increasing TMT temperature. Agglomerations of ﬁne MX
recipitates were only observed in the materials rolled at 600 °C
Fig. 6). Coarse M23C6 carbides are present in all materials due to
he carbon content of 0.1 wt% (Table 1). Their size and shape were
ot affected by the rolling conditions. M23C6 particles with a typ-
cal sizes range between 100 and 300 nm were measured in all
EM images (Fig. 6).
The chemical compositions of the secondary phases were mea-
ured by EDS analysis in the TEM. The results are given in
able 2. As mentioned above, M23C6 carbides are present through-
ut the whole temperature range. The compositions of the other
econdary phases are dependent on the rolling temperature. Other
arbides and nitrides were measured with varying compositions.
arbides consisted mostly of tantalum and vanadium but other
lloying elements such as chromium and tungsten were also de-
ected inside the secondary phases. The materials processed atcarbon extraction replicas by TEM.
800 °C 900 °C
M23C6 M23C6
r, Fe) MX rich in Ta (Ta, V) MX rich in Ta
r, Fe) MX rich in V (V, Ta) MX rich in V
r) MX [Ta]=[V]
MX [Ta]= [V]
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Fig. 5. Calculation of the stability of carbide and nitride phases (JMatPro-v5).
Fig. 6. Distribution and composition of precipitates after TMT at different temperatures (993391).
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nd vanadium.
While most alloys formed a mix of several different MX carbo-
itrides, only tantalum-carbides and vanadium-nitrides formed in
he materials processed at 900 °C. These observations are mostly
n compliance with the data from the thermodynamics simulationFig. 5), which predicts only V-N, Ta-C/N, and M23C6 carbides. No
nrichment of iron or other alloying elements like chrome or tung-
ten is expected in the precipitates. The TMT at 900 °C seems to
roduce a material with phases near the equilibrium conditions.
The average grain size estimated from SEM and EBSD im-
ges is two to three times larger than that of EUROFER97 in the
16 J. Hoffmann et al. / Nuclear Materials and Energy 6 (2016) 12–17
Fig. 7. EBSD IPF map of a EUROFER sample, transverse view, calculated along the RD direction (batch 993391, TMT at 800 °C).
Fig. 8. backscatter SEM images showing large prior austenite grains (batch 993391, TMT at 900 °C).
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[as-received state [7]. In Fig. 7, a triple-junction PAG boundary is
shown. The adjacent grains can be estimated to be larger than
70 μm at least. The martensite laths are easily visible inside the
grains. From the EBSD map, the widths of individual laths can be
measured and they are from the low micrometer down to the sub-
micron range. The widths differ between PAGs. This can be seen by
comparing the middle and lower left grains of Fig. 7. Some elon-
gation visible in the image due to the rolling process makes the
correct measurement of the actual grain size diﬃcult, but judging
from the images in Fig. 8, the grain size is 100 μm or more.
Discussion
The higher strength of the materials in the high-temperature
regime maybe due to a ﬁner distribution of the secondary phases
or an increased dislocation density after TMT and annealing. With
the dislocation densities found in the TEM observations, the latter
effect is most likely the cause of the increased strength. It could be
found that a gain in tensile high-temperature strength of 50 MPa
lead to a loss of DBTT of –30 °C.The carbide and nitride phases found in the TEM have been
tudied for commercial 9Cr-steels [15] and are in agreement with
he predictions from the models. The distribution of the secondary
hases along preferred sites has not been reported for convention-
lly treated EUROFER [3]. Klimenkov et al. found the same corre-
ation for M23C6 at lath and grain boundaries but did not observe
his behavior for TaC. We attribute the location of these particles
o the TMT process, where a ﬁne distribution was achieved due to
he rolling in the austenite phase. The composition of the nitrides
nd carbides is similar. The occurrence of only pure M23C6, TaC,
nd VN after 900 °C TMT can be explained by the higher diffusion
ate at this temperature. Therefore an equilibrium state is reached,
ith those phases being the most favorable ones [16]. Z-phase and
aves phase could not be detected because they only form after
ong-term high-temperature exposure of the materials [5].
Loss of toughness is reported as a result of either the coars-
ning of M23C6 particles [17], the tantalum content of the matrix
18], or PAG size. A general conclusion is that increasing the high-
emperature tensile strength leads to a weakening of the toughness
18]. The weaker performance in the Charpy impact tests shown
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[ere can be attributed to the large PAGs. This behavior was also
eported by Wang et al. [19] for martensitic steels, where a re-
nement of the PAG size improved the strength and toughness.
AGs form during the austenitization step of the processing route.
massive increase in PAG size compared to conventional treat-
ents could be observed [20]. Because the materials were held at
250 °C for 30 min, all secondary phases dissolved into the ma-
rix. This is also predicted by the simulation (Fig. 5). MX carbides
onsisting mainly of tantalum and carbon prevent PAGs from grow-
ng when using a conventional thermal treatment for EUROFER at
050 °C [14]. Comparative studies performed by Sandim et al. [21]
nd Zilnyk et al. [22] showed similar behavior of the materials.
Similar creep properties in the as-received state (measured in
14,23]) were also found by Mathew et al. [24] for RAFM steels. The
alues measured in the present work are signiﬁcantly higher. The
uthors associate this with the larger PAGs and reduced fast diffu-
ion paths along grain boundaries. The different creep rates found
or the as-received and TMT strongly point to Nabarro-Herring-
reep as the operating mechanism. This was also found in previ-
us works on similar materials [25] Unfortunately, the inﬂuence of
different secondary phase distribution cannot be determined yet.
he experiments are still running and only TEM images of the as-
rept microstructure will be able to clarify this effect.
onclusions
The thermo-mechanical treatment of EUROFER97/2 leads to a
hift in the mechanical and microstructural properties:
From a microstructural point of view, ausforming at 900 °C is
he most effective way to reﬁne the microstructure and distribu-
ion of the secondary phases. Independently of the rolling tem-
erature, the deformation and treatment of the material lead to
n elongated grain structure. In the EUROFER/2 (993391) materi-
ls, only MX- and M23C6-type carbides and nitrides were detected.
his is also independent of the TMT temperature.
The high solution treatment at 1250 °C leads to a full dissolu-
ion of all carbo-nitrides. This included tantalum-carbides, which
ause the prior austenite grain size to grow massively compared to
he as-received condition.
A slight increase in tensile strength could be observed even at
levated temperatures. The downside of this increase is the loss in
uctility and the increase of the ductile-to-brittle-temperature.
While it was not possible to keep the drop in DBTT small, a ma-
or increase in creep strength was observed. As expected, the creep
ate was drastically lowered due to the large prior austenite grain
ize. Finely distributed carbo-nitrides also lead to an improvement.
he creep tests are still running, but the results recorded so far
ook very promising.
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